The highest power conversion efficiencies (PCEs) reported for perovskite solar cells (PSCs) with inverted planar structures are still inferior to those of PSCs with regular structures, mainly because of lower open-circuit voltages (V oc ). Here we report a strategy to reduce nonradiative recombination for the inverted devices, based on a simple solution-processed secondary growth technique. This approach produces a wider bandgap top layer and a more n-type perovskite film, which mitigates nonradiative recombination, leading to an increase in V oc by up to 100 millivolts. We achieved a high V oc of 1.21 volts without sacrificing photocurrent, corresponding to a voltage deficit of 0.41 volts at a bandgap of 1.62 electron volts. This improvement led to a stabilized power output approaching 21% at the maximum power point.
R ecently, perovskite solar cells (PSCs) with inverted planar heterojunction structures, wherein a polycrystalline perovskite film is sandwiched between a hole-and an electron-extraction layer, have gained attention because they offer the promise of easy fabrication, compatibility with flexible substrates, versatility of energy-band engineering, and the possibility of fabricating multijunction cells (1) (2) (3) (4) ; moreover, they have achieved power conversion efficiencies (PCEs) exceeding 20%. Further enhancement of their PCEs is now mainly hampered by the relatively low open-circuit voltages (V oc ), typically <1.10 V, in comparison with >1.20 V reported for regular PSCs using similar bandgap perovskites (2, 5) . The less-than-ideal V oc of inverted PSCs is attributed to the nonradiative recombination losses both inside the perovskite bulk material and at the interfacial contacts (6) (7) (8) , owing to the presence of a considerable density of defects or recombination centers (9) (10) (11) (12) (13) (14) (15) . Critically, although "isolated" perovskite films can exhibit very high radiative efficiencies, the radiative efficiency drops considerably when perovskite films contact the charge-extraction layers (16, 17) . Several approaches to reducing the nonradiative recombination-including increasing the grain size (18, 19) , surface passivation (3), ion compensation (11) , and heterojunction engineering (20, 21) -have been proposed, pushing the V oc up to 1.15 V in inverted PSCs. In addition, the precise origin of the higher V oc for regular PSCs, which often include a thin mesoporous scaffold layer, is not clear. Evidence suggests that the perovskite film crystallized within this "scaffold region" may be more n-type in nature, leading to a favorable n-type contact at the perovskite n-type charge-extraction region (22) (23) (24) . However, the perovskite film crystallized on a p-type substrate has been shown to be more p-type (or less n-type) in nature at this contact interface (25) . These results suggest that the nature of the perovskite film, and specifically its doping state (n, p, or intrinsic) near the charge-extraction layers, are strongly influenced by the polarity of the substrates on which the films are crystallized. Consequently, controlling the nature of the perovskite film at the contact interface may be an effective way to achieve high V oc in inverted PSCs. Here we introduce a means to deliver a wider bandgap region near the top surface of the film and a more n-type perovskite film by using a solution-processed secondary growth (SSG) technique, leading to a substantial increase in V oc .
The SSG procedure includes two steps: (i) the preparation of perovskite films by solution processing and (ii) the secondary growth with the assistance of guanidinium bromide (which we abbreviate SSG-G). We started with the preparation of a mixed-cation lead mixed-halide perovskite layer using a nonstoichiometric recipe of (FA 0.95 PbI 2.95 ) 0.85 (MAPbBr 3 ) 0.15 (14, 26) , where MA and FA denote methylammonium and formamidinium, respectively. In Fig. 1A , we show the scanning electron microscopy (SEM) image of the control perovskite film. The bright crystals on the surface indicate regions of higher electron density, or regions that accumulated charges during the measurement. From energydispersive x-ray (EDX) analysis ( fig. S1 ), we determined that the lead halide complex mainly dominated the composition of the bright crystals in the control sample, absent of carbon, so we assigned it as PbI 1.50 Br 0.50 . We further confirmed this through x-ray diffraction (XRD) analysis of (B) XRD patterns (a, d, and the black square denote the identified diffraction peaks corresponding to the black perovskite phase, the nonperovskite phase, and PbI 1.50 Br 0.50 , respectively). a.u., arbitrary units. the control sample (Fig. 1B) , in which we assigned the diffraction peak (2q = 13.1°, where q is the work angle between the x-ray beam and the plane of the sample surface) to PbX 2 (X is a mixture of I and Br at a~1.5:0.5 ratio), using the standard diffraction peaks of PbI 2 at 2q = 12.67°and PbBr 2 at 2q = 14.37°as the references. Previously, the presence of the PbX 2 diffraction peak has been interpreted as indicating the presence of a PbX 2 "shell" surrounding the perovskite grains (26, 27) . In contrast, our XRD analysis shows that the PbX 2 constitutes entirely separate grains. From the Sheerer broadening of the PbX 2 peak, we estimated an average crystal grain size of 42 nm, which was consistent with the size of the bright grains observed in the SEM images. Through SSG-G, the excess PbX 2 crystals were "digested," and the perovskite film displayed distinct surface morphologies (Fig. 1A and fig. S2 ). In the XRD patterns (Fig. 1B) , we observed considerably reduced PbX 2 diffraction peak intensity.
We evaluated the photovoltaic performances of the perovskite films with and without the SSG-G process by fabricating inverted planar heterojunction PSCs {device structure: indium tin oxide (ITO)/poly[bis(4-phenyl) ( . We systematically optimized the processing parameters for the SSG technique, variations of which we show in tables S1 to S5. All the devices exhibited negligible hysteresis (table S6). In Fig. 2A , we present J-V curves of the PSCs obtained from reverse scans. We found that the SSG-G devices delivered increased V oc by up to 100 mV compared with the control devices, without compromising short-circuit current density (J sc ) and fill factor (FF). The champion SSG-G device showed a PCE of 21.51% and a stabilized power output (SPO) of 20.91% (Fig. 2B) . We integrated the external quantum efficiency (EQE) spectra over the AM 1.5G solar spectrum, and the resulting J sc values were in close agreement with the values determined from the J-V scans ( fig. S3 ). We fabricated 200 devices from different batches, and we present the histograms of average V oc values in Fig. 2C (we show histograms of the corresponding PCEs in fig. S4 ). The average V oc of the control devices was about 1.10 V, whereas it was about 1.20 V for the SSG-G devices, with a record value of 1.21 V (Fig. 2C) . The "stabilized photovoltage" values that we measured under continuous 1-Sun illumination were consistent with the V oc values obtained from the scanned J-V curves (Fig. 2D ). To confirm our in-house device efficiency measurements, we sent one of our non-encapsulated devices to the National Institute of Metrology, China, for external certification and obtained a PCE of 20.90% (V oc = 1.175 V, J sc = 21.86 mA cm To assess the impact of the SSG-G process on the long-term stability of the PSCs, we first tested the thermal stability of non-encapsulated devices in a nitrogen atmosphere. The SSG-G device showed a slight decay (~5%) in PCE after aging for 500 hours at 85°C ( fig. S8 ). In contrast, the control device degraded more substantially to a PCE of <60% of its original value, indicating that the SSG-G process improved the thermal stability of the device. We further examined the operational stability of non-encapsulated devices in a nitrogen atmosphere by comparing the PCE decay of the control and the SSG-G devices aged under a xenon lamp-based simulator with an ultraviolet component (100 mW cm ) at room temperature (Fig. 2B) . The SPO of the control device showed a fast decay initially and then a subsequent decay at a relatively slow rate. In contrast, we did not see an obvious decay in the SPO of the SSG-G device over the measurement time. These results indicate that the positive impact of the SSG-G process is stable for an operational device and that it improves the overall stability of the device.
We investigated the changes in the bandgap, microstrain, and electronic disorder induced by the SSG-G process (figs. S9 and S10) and observed some improvements, including a reduction in the Urbach energy (described in the supplementary materials). However, by calculating the V oc in the radiative limit (28), we confirmed that the reduced electronic disorder within the SSG-G film only contributed a few millivolts to the enhancement in V oc ( fig. S11) .
To uncover the origin of the increase in V oc , we performed surface photovoltage (SPV), ultraviolet photoelectron spectroscopy (UPS), and photoluminescence quantum yield (PLQY) measurements on a series of samples. We performed SPV measurements with a Kelvin probe on perovskite films coated on ITO (structure 1) or ITO/PTAA (structure 2) and on close-to-complete cells consisting of ITO/PTAA/perovskite/PC 61 BM (structure 3) (Fig. 3A) . A >100-meV shift in surface potential occurred for all films treated with the SSG-G process (compared with the control films), regardless of structure or illumination intensity. This shift was in the right direction to result in ã 100-mV increase in V oc in a cell. We further investigated the electronic structures of the perovskite films by using UPS; we show the data for the control and the SSG-G perovskite films in Fig. 3B . the control and the SSG-G film. This is consistent with the direction of change, although slightly smaller in magnitude, that we determined from the SPV measurements. The valence band maximum (E v ) with respect to the Fermi level (E F ) in the SSG-G film was also shifted relative to the control film (the absolute value of E v can be calculated from the relationship shown in fig. S12 ). From these measurements, we built energy-level diagrams for the two films (Fig. 3C) . From the control to the SSG-G film, the E v shifts by about 200 meV toward vacuum, and the E F shifts by a further 400 meV toward the conduction band minimum (E c ). The E F shift indicates a more n-type nature for the SSG-G film, resulting from a surface and/or a bulk effect. The absolute shift in energy levels toward vacuum in the SSG-G film is likely to originate from a change in the ratio of lead halide-to organic halide-terminated surfaces. Recently, lead iodide termination has been shown to lead to deeper energy levels than ammonium iodide termination (29) . Because we have added additional guanidinium bromide as a secondary process, we would expect a larger fraction of the surface to be terminated with organic cation halide. Therefore, combining the SPV and UPS analyses, we obtained consistent results indicating a more n-type perovskite film produced by the SSG-G process, with the energy levels shifted toward vacuum. We characterized the uniformity of the SSG-G film by Kelvin probe force microscopy (KPFM) mapping ( fig. S13 ) and found variation in surface potential similar to that of other reported conventional perovskite films (30) .
To investigate the influence of the SSG-G process on the radiative recombination at the perovskite charge-extraction layer heterojunctions, we measured the PLQY for the films with various structures (Table 1) . Isolated SSG-G films on quartz exhibited a higher PLQY of~2.8%, compared with the control films at~0.17%. However, on ITO substrates, which are the semitransparent electrodes used in the devices, the SSG-G films exhibited PLQY values similar to those of the control films. After the introduction of PTAA, the PLQYs of the SSG-G films were 10 times those of the control films, reaching an average value of 8.9%. The PLQY values were still >2.5% when the PTAA and PC 61 BM layers simultaneously contacted the SSG-G films, whereas the PLQY for the control film was quenched to an undetectably low level (<0.1%). The radiative efficiencies of the perovskite films are influenced by the nature of the underlying substrate on which they are crystallized (31) . Therefore, the factors that influence the PLQY are the "quality" of the as-crystallized perovskite films, the extent to which the substrate or subsequent layer extracts charges, and the degree to which new nonradiative recombination pathways are introduced at the perovskite contacting-layer heterojunctions. Evidently, ITO/PTAA is a good substrate on which to crystallize perovskite films; few nonradiative pathways appear to be introduced by the SSG-G films contacting PTAA, and with the subsequent coating with PC 61 BM, few additional nonradiative pathways are introduced. As is evident from the high PCEs of the solar cells, these interfaces allow charge extraction. To corroborate the PLQY results with the improved V oc in the solar cells, we measured the electroluminescence from the PSCs. We observed an electroluminescence spectrum at 778 nm for the SSG-G device ( fig. S14A) , with an external radiative efficiency (ERE) of 1.2% under a forward bias current density of 23 mA cm , but we could not detect electroluminescence from the control device. The ERE value is lower than the PLQY of the perovskite films contacting both PTAA and PC 61 BM. This is likely due to the isolated film emitting in both directions in the PLQY measurements, whereas the PSCs can only emit in the forward direction, implying more reabsorption of emitted light for the latter. Furthermore, there were likely imperfections in the deposition of the films, resulting in some shunting paths between the top metal electrode and the perovskite film, which would increase dark current and reduce the ERE of the PSCs. We estimated a V oc of 1.21 V on the basis of the measured radiative efficiency ( fig. S14B ), which is in direct agreement with our device measurements under simulated 1-Sun illumination.
To examine whether the electronic changes to the film are homogeneous throughout the thickness of the perovskite layer or solely present in a surface region, we measured time-resolved photoluminescence (PL) spectra of perovskite films [coated on quartz substrates: quartz glass/ perovskite/poly(methyl methacrylate) (PMMA)] and excited the film from the glass and PMMA sides, using a 400-nm laser with a~90-fs pulse width. We observed a single band emission of the control film when exciting the film from both the PMMA and the glass sides (Fig. 4A ). In contrast, for the SSG-G film, we observed a dual peak at an early time (0 ns) when exciting the film from the PMMA (top) side, and this peak shifted from 735 to 767 nm over a few nanoseconds (Fig.  4C) . However, when we excited the film from the glass side, we only observed the redshifted band (~767 nm). We further performed transient absorption (TA) measurements by exciting the film with 400-nm (90-fs) pump pulses and probing with broadband visible pulses. For the control film, we did not observe a considerable shift in the ground-state bleach upon exciting from either side (Fig. 4B) . In contrast, again, for the SSG-G film, we observed a redshift of the ground-state bleach maxima from 730 to 750 nm over the first few nanoseconds when exciting and probing from the PMMA side (Fig. 4D) ; we did not observe such a redshift when exciting and probing from the glass side.
These time-resolved PL and TA results suggest the presence of a wider bandgap (~80 meV wider) in the SSG-G film, close to the surface. The resulting redshift in the time-resolved PL and TA spectra over time indicates that the charge population migrates from the wider bandgap region to the narrower bandgap bulk. Because we pumped the perovskite films with high-energy photons (400 nm), we expect that the light was absorbed strongly in the top region (1/e absorption depth, 62 nm), and the initial photoexcited charge population was hot. The time scale that we determined for the transfer of the charge population from the top region to the narrower bandgap bulk region is on the order of a few nanoseconds-much longer than the charge population cooling time, which is expected to occur within 100 fs (32) . Therefore, we expect that an equilibrium population of free carriers is created in the topmost region of the film, before charge transfer toward the bulk, most likely driven by diffusion. These results are consistent with establishing a wider bandgap close to the film surface.
In EDX bromide elemental mapping ( fig. S15 ) and time-of-flight secondary ion mass spectroscopy (ToF-SIMS) depth profiles ( fig. S16 ), we observed a bromide-rich region close to the top surface of the SSG-G film. The Br enrichment near the top surface is consistent with a wider bandgap existing in this region of the film. Our studies of the spectroscopy and the stability of the PSCs suggest that the presence of the wider bandgap top layer is stable. Unexpectedly, we observed that the guanidinium (GA + ) is well distributed across the perovskite layer. Because GA + is a large cation, and because in XRD measurements, we observed negligible shifts in characteristic perovskite reflection peaks, we would not expect a considerable fraction of GA + to be incorporated into the perovskite crystal lattice. Therefore, its location is most likely at the surface and grain boundaries. A substantive contribution to the reduction in nonradiative recombination may therefore be through a passivation role (33) , given that GA + may be present at both top and bottom surfaces and at the grain boundaries.
Multiple factors are thus responsible for the reduced nonradiative recombination. First, the predominant trap species leading to trap-assisted recombination in perovskite films are electron traps (34) . The more n-type perovskite film could result in a larger fraction of occupied versus vacant traps and a reduction in the rate of trapassisted recombination. Secondly, a wider bandgap near the top surface of the SSG-G film might reduce the total electron-hole recombination rate in this region of the film where surface defects are likely to exist, by making it energetically favorable for one or both charge carriers to reside predominantly within the bulk of the film, away from the surface. Thirdly, the presence of guanidinium halide throughout the films and at the surfaces may inhibit unwanted trap-assisted recombination at the heterojunctions by trap passivation. Hence, the SSG-G process that we have presented to improve the perovskite film quality results in considerable improvements to the electronic nature at the heterojunctions between the perovskite film and charge-extraction layers. Our findings should be broadly applicable to PSCs and perovskite light-emitting diodes.
